Dislocation Microstructure and Internal-Stress
Measurements by Convergent-Beam Electron Diffraction
on Creep-Deformed Cu and Al
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Creep experiments were conducted on aluminum single crystals and copper polycrystals deformed
within the five-power-law regime. The dislocation structure of copper, which has not been extensively
characterized in the past, consists of less-well-defined subgrain walls of relatively low misorientation,
typically between 0.1 and 0.3 deg, with a Frank network of dislocations within the subgrains. The
auminum, as expected, consisted of well-defined subgrain boundaries with a typical misorientation
between 1.0 and 2.0 deg. The subgrains were probed from one boundary to another in copper and
aluminum using convergent-beam electron diffraction (CBED). This allowed a determination of any
changes in the lattice parameter, which would indicate the presence of any internal stresses. Earlier
investigations by others suggested that internal stresses may be high in the vicinity of the “hard”
subgrain boundariesin both loaded and unl oaded specimens, based on avariety of techniquesincluding
X-ray diffraction (XRD), stress-dip tests, as well as some preliminary CBED. It was determined in
this work that the lattice parameter was unchanged at the equilibrium or stress-free value within the

interior of the subgrains and along (within a one-beam diameter) the subgrain boundaries.

[. INTRODUCTION

THE purpose of this research is twofold. One objective
is to characterize the didlocation substructure of copper
deformed with the five-power-law regime. The second and
primary objective is an investigation of the existence of
internal stresses in creep-deformed Cu and Al.

A. Creep of Copper

Cu was investigated in the past, and it appears that this
material obeys a classic five-power-law behavior. Figure 1
reflects much of the early creep work on Cu.l*-® Several
conclusions were apparent from the early work. Usually, the
activation energy for metals and alloys over the five-power-
law regime corresponds to lattice self-diffusion, and a
decreasein the activation energy for creepisobserved during
power-law breakdown (PLB) at roughly 0.5 to 0.6 Ty,. It
has often been suggested that, within PLB, the decrease in
Q. corresponds to a switch to dislocation pipe diffusion with
an activation energy of Q,. The rate-controlling mechanism
for creepisstill dislocation climb. In the case of Cu, the same
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arguments by Barrett et al.>¥ have been applied, except
that the transition to climb control by vacancy diffusion via
dislocation pipes occurs at relatively high temperatures well
within five-power-law behavior, at 0.7 T,,,. More recent work
by Raj and Langdon!® suggests that there is a more gradual
and less dramatic decrease in Q. that is approximately equal
to Qg over the entire five-power-law regime. Curioudly, in
Figure 1, both the data above and below 0.7 T,, are reason-
ably described by five-power-law behavior using a single
activation energy, Qg. The PLB in Figure 1 occurs at about
that combination of temperature and strain-rate expected,
according to Sherby and Burke.[*®!

It is recognized that creep experiments using copper are
difficult for at least two reasons. One is that discontinuous
dynamicrecrystallization (DRX) easily occursat higher tem-
peratures within five-power-law creep.>519 Thus, restora-
tion can occur by mechanisms other than just dynamic
recovery, aswith five-power-law creep. Second, oxide parti-
cles can form unless both the annealing conditions utilize
sufficient vacuum levels and the testing conditions are suffi-
ciently inert.[ These particles can cause early fracture and
preclude sufficient strain to achieve a genuine steady state,
which is a balance between hardening processes and
dynamic recovery. The particles could aso lead to disloca
tion configurations nonreflective of the pure metal. This
study consisted of deforming copper at temperatures below
that suggested for DRX, which was then anneadled at high
vacuum and tested in an inert atmosphere. This alowed an
assessment of the lower-temperature five-power-law creep
behavior and, especialy, an evaluation of the steady-state
dislocation substructure. Some of the most frequently refer-
enced Cu creep work suggests that well-defined subgrains
do not form in pure Cu and, unlike most metals in the
five-power-law regime, cellular tangles of dislocations form
instead.l'! Otherd*812131 gppear to suggest that subgrains
form, although the micrographs can be ambiguous. Terms
such as “cells,” “subcells,” “subgrains,” “poorly developed
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Fig. 1—The modulus compensated steady-state stress vs the (lattice self-)
diffusion coefficient compensated steady-state strain rate of pure copper.

subgrains,” and “less-well-defined subgrains’ are all used
to describe the heterogeneous dislocation substructure. This
description or analysis has implications toward the second
aspect of this study, internal stresses.

B. Internal Stresses

The second objective of this work recognizes that one of
the important concepts over the past few decades within the
creep community isthat of theinternal stress (or backstress),
which, of course, has been suggested for cyclic deformation
aswell. Understanding creep at afundamental level requires
a resolution as to whether internal stresses or backstresses
exist. The concept of internal stresses or backstresses in
materials may have first been discussed in connection with
the Bauschinger effect, which is observed both at high and
low temperatures in cyclic deformation. Here, the metal
strain hardens after some plastic straining, and on reversa
of the direction of straining, the meta plastically flows at
a stress less in magnitude than in the forward direction,
in contrast to what would be expected based on isotropic
hardening. Not only isthe flow stresslower on reversal, but
also the early hardening features are different as well.

Sleeswyk et al.'" analyzed the hardening features in sev-
eral materials cyclically deformed at ambient temperature
and found that the hardening behavior on reversal can be
modeled by that of the monotonic case, provided a small
(e.g., 0.01) “reversible’ strain is subtracted from the early
plastic strain associated with each reversal. This led
Sleeswyk and co-workers to conclude an Orowan-type
mechanism (no internal stressor backstress),*™ with disloca-
tions easily reversing their motion across cells. Sleeswyk et
al. suggested that gliding dislocations, during work harden-
ing, encounter increasingly effective obstacles, and the stress
necessary to activate further dislocation motion or plasticity
continually increases. On reversal of the direction of strain-
ing, however, the dislocations, initialy, will need to only
move past those obstacles they have aready surmounted.
Thus, theflow stressisinitially relatively low. High-tempera-
ture work by Hasegawa et al.'8! suggested that dissolution
of the cell/subgrains occurred with a reversal of the strain,
indicating an “unraveling” of the substructure in Cu-16 at.
pct Al, perhaps consistent with the ideas of Sleeswyk and
co-workers.
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There are two broad theories for the basis of backstresses
or internal stresses that can also rationalize the Bauschinger
effect. In a fairly influential development, Mughrabil"8]
advanced the concept of relatively high internal stresses in
subgrain walls and cell structures. He advocated the simple
case where “hard” (high-dislocation-density walls or cells)
and soft (low-dislocation-density cell or subgrain interior)
elastic—perfectly plastic regions are compatibly sheared in
parallel. Each component yields at different stresses and,
hence, the composite is under a heterogeneous stress state,
with the cell walls (subgrains at high temperatures) having
the higher stress. Thisleadsto an interpretation involving an
inhomogeneous stress state and backstresses. Thiscomposite
may also rationalize the Bauschinger effect. As the hard
and soft regions are unloaded in paralel, the hard region
eventually (whilethestressinthehard regionistill positive)
placesthe soft region in compression, leading to abackstress.
The “total” or “average” stress may be zero, while the stress
in the hard region can be positive and negative in the soft
region. Thus, a Bauschinger effect can be observed, where
plasticity occurs on reversal at a lower average magnitude
of stress than that on initial unloading. This “composite’
model appears to have been embraced by Derby and
Ashby,*¥ Blum and co-workers*3® Nix and co-
workers -2 as well as many others (e.g., References 22
through 25) for creep. This model isillustrated in Figure 2.

In-situ deformation experiments by Lepinoux and
Kubinl?® and the well-known neutron irradiation experi-
ments by Mughrabi™” measured dislocation-loop radii near
dipole bundles (heterogeneities). These suggested internal
stressesthat are, roughly, afactor of 3 higher than the applied
stress during cyclic deformation of Cu at ambient tempera-
ture. More recent experiments measuring the heights of dis-
location dipoles by Kassner et al.l? on cyclically deformed
Al and Cu alowed an estimate of the stress at different
locationsin the substructure during deformation. It was con-
cluded that the stress state appeared nearly uniform across
the dislocation substructure and was also about equal to
the applied stress. Morris and Martin®>?3 concluded that
dislocations are gjected from sources at the subgrain bound-
ary by high local stresses. High local stresses, perhaps a
factor of 20 higher than the applied stress, were concluded by
observing the radius of curvature of “gjecting dislocations’
“frozen in place” (amazingly) by a precipitation reaction in
Al-5at. pct Zn on cooling from the creep temperature. Stress-
dip tests have often been interpreted to suggest internal
Streml[24,28,29]

Another concept of backstress is related to dislocation
configurations. This was proposed by Argon and
Takeuchi,® Gibeling and Nix,!?! and Nix and llschner.M
With this model, the subgrain boundaries that form from a
dislocation reaction bow under action of the shear stress,
andthiscreatesrelatively high “long-range” internal stresses.
The high stresses in the vicinity of the boundary are sug-
gested to be roughly a factor of 3 larger than the applied
stress. On unloading, anegative stressin the subgrain interior
causes reverse plasticity (or anelagticity). There is a modest
anelastic backstrain that is associated with this backstress.

One of the more recent investigations in this area of inter-
nal stresses was performed by Straub et al.[*®! and Borbély
et al.3%31 This work consisted of X-ray diffraction (XRD)
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Fig. 2—The composite model illustrating backstresses. (a) The different
stress vs strain behaviors of the (hard) subgrain walls and (soft) subgrain
interiors and (b) the stress vs strain behavior of the composite. When the
composite is completely unloaded, the subgrain interior is under compres-
sive stress. This leads to yielding of the softer component in compression
at a macroscopic stress lower than 7\ under initial loading. Hence, a
Bauschinger effect due to inhomogeneous (or internal) stress is observed.

and convergent-beam electron diffraction (CBED) of speci-
mens creep tested to steady state. Some X-ray test experi-
ments were performed in situ, or while the creep specimen
was under stress. Basically, X-ray peaks broaden with plastic
deformation. A “deconvolution” is performed, which results
in two nearly symmetric peaks. One peak is suggested to
represent the small amount of metal in the vicinity of sub-
grains, where high local stresses are presumed to increase
the lattice parameter. This physical interpretation of the dif-
fraction results has been questioned by others.®3 A CBED
on thin foils can probe smaller areas (beam size less than
100 nm) rather than the entire sample, as with X-rays, and
is potentially reasonably accurate in assessing local internal
stresses. The results by Borbély et al., which suggest high
local stressesinthevicinity of subgrain boundariesin copper,
based on CBED, however, may be speculative, as the results
in Figure 3 of Reference 30 are ambiguous. Basically, both
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Fig. 3—The equivalent uniaxia stress of Al single crystal ((111) parallel
to torsion axis) vs strain. A polycrystalline specimen is also illustrated.!*®

sets of experiments (XRD and CBED) are, nonetheless,
interpreted by the investigators to suggest that the lattice
parameters within the specimens are larger near subgrain
(and cell) walls than in the subgrain interior. These are
important experiments.

In the present work, CBED was performed on aluminum
single crystals and, especially, on copper polycrystals that
were creep tested within the five-power-law creep regime.
The objective was to probe the subgrains to determine
whether any changes in the lattice parameter are observed
near walls, which would indicate the presence of an internal
stress. A subgrain boundary is relatively thin (e.g., 3b) with
a relatively high misorientation (>1 deg), while cellular
structures are thicker, with lower misorientations (<1 deg).
Thus, examining each of these types of boundaries or walls
for high local stresses was considered desirable.

[I. EXPERIMENTAL PROCEDURE

Copper polycrystals of 99.9985 pct purity, provided by
The Metron Group, were first annealed in vacuum at 8 X
10~* Torr and 1000 °C for 10 hours at the Albany Research
Center (Albany, OR). The resulting grain size was about
0.42 mm. Testing was performed on a Satec creep testing
machine at Oregon State University with high-purity argon
atmosphere. Tests were performed at two constant stresses,
and the loads were atered to account for changes in cross-
sectional area. Cu specimens were quenched within 5 sec-
onds after creep testing. The mechanical procedures for Al
were reported earlier by the authorsin References 33 and 37.

The Al single crystals were deformed in torsion to an
equivalent uniaxial strain of about 3.6 at 391 °C at an equiva-
lent uniaxial strainrate of 1.9 X 1072 s, using the Stanford
torsion machine. Specimens were quenched immediately
upon termination of the test. The stress vs strain behavior is
shown in Figure 3 along with the polycrystal line behavior.l*!
The crystals were provided by The Metron Group, and the
[111] direction was paraldl to the torsion axis. The average
subgrain size was measured to be 15.3 um in a similar
specimen deformed to astrain of 16.3.15% The typical misori-
entation of subgrain boundaries measured by selected-area
electron diffraction was 1 to 2 deg. About 10 pct of subgrain
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boundaries were high-angle ones (8 deg < # < 62 deg),
with atypical value of about 20 deg. These were concluded
to have been formed from a dislocation reaction, possibly
as geometric necessary boundaries,[*¥ rather than by discon-
tinuous DRX.

Copper and aluminum foils were electropolished in a
Fischione twin jet; for the Cu disks, 10 pct nitric acid and
90 pct methanol at —25 °C were used, and for the Al disks,
5 pct perchloric acid, 20 pct butoxyethanol, and 75 pct
methanol at —25 °C were used. The Cu and Al foils were
examined under bright-field conditions using a PHILIPS*

*PHILIPS is atrademark of Philips Electronic Instruments Corp., Mah-
wah, NJ.

EM 400 transmission electron microscope (TEM) at 120
kV, located at the University of California at San Diego.

The microstructure characterization included the average
subgrain-boundary misorientation (6), average density of
dislocations not associated with subgrain boundaries (p),
and average subgrain intercept (A). The misorientation of a
subgrain boundary is defined as the minimum angle of rota-
tion that is necessary to bring the two crystals separated by
the boundary into coincidence. This was determined using
Kikuchi line shifts across a boundary using a single orienta-
tion to the foil that accurately estimates the amount of tilt
of aboundary (thelow-rotation component of the misorienta-
tion of low-angle (<1 deg) boundariesisnearly indiscernible
by this procedure). The average subgrain-boundary misori-
entations were calculated from ten different measurements
for Cu (and from about 65 for Al). Thedensity of dislocations
not associated with boundaries was determined using the
surface intersection technique,[* using, typically, 20 micro-
graphs. The (220) two-beam conditions were used to image
dislocations in Cu. The region of the foils from which p
was determined in Cuwas 0.2 um in thickness. The subgrain
sizesin Cu were measured as an average intercept based on
several montages of, typically, 10 micrographs each at about
13,000 times magnification, based on severa fails.

The CBED was performed using a (411) zone axis. Sec-
ond-order HOL Z lines were used. For aluminum, the accu-
racy of the lattice-parameter measurements was about
+0.00005 nm, or about =0.01 pct. The accuracy of lattice-
parameter measurements for Cu was about +0.0001 nm,
or =0.03 pct. The error associated with lattice-parameter
measurements is based on the quality of the CBED pattern.
The CBED examination was performed at —175 °C. The
CBED beam diameter was estimated to be 80 nm. A large C2
aperture, 250 um in diameter, was utilized, which allowed a
large angular view of the diffraction spots. The CBED pat-
terns were simulated using the software DF Tools 5.1.1%¢

1. RESULTS

The Al single crystals were deformed in torsion to an
equivalent uniaxial strain of about 3.6 at 391 °C at an equiva-
lent uniaxial strainrateof 1.9 X 10 3s™ L. The stressvs strain
behavior is shown in Figure 3, along with the polycrystalline
behavior. The single crystal was deformed to steady state at
a temperature and strain rate corresponding to well within
the five-power-law regime.® Six subgrain boundariesin two
TEM foils were traversed using CBED. Figure 4 isa TEM
micrograph that shows the locations of some of the measure-
ments. Figure 5 shows the lattice-parameter measurements
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Fig. 4—A TEM micrograph depicting the locations of CBED determina-
tions within an aluminum single-crystal subgrain. The CBED patterns refer

to two locations, one near a boundary and one well within the interior.
(411) zone axis.
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Fig. 5—The lattice parameter and corresponding stress determinations
based on the CBED in asingle crystal of Al deformed to steady state within
the five-power-law creep regime. The error bracket refers to the error
associated with uncertainties of a lattice parameter measurement. Some
scatter of the data possibly due to the presence of bend contours is also
evident.

and residual-stress calculations. It was determined that the
lattice parameter was unchanged within the interior of the
subgrain and along the boundaries, within a one-beam diam-
eter (or 80 nm) of the subgrain boundary. The measurements
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Fig. 6—The strain (plastic) vs time for copper deformed at 550 °C at 20
and 40 MPa.

were also identical to those of the annealed, stress-free Al
polycrystals. Thus, the deformed substructure is stress free
within the accuracy of the lattice-parameter measurements
of CBED. The (residua) stress—measurement error is
approximately +8 MPa, or avalue nearly equal totheapplied
stress. There appears to be scatter in the Al experiments,
aside from the error associated with lattice-parameter meas-
urements in the CBED patterns (about +0.00005 nm, or
+0.01 pct). These are possibly due to bend contours that
arevisiblein the micrograph. These Al resultsare also being
reported in a proceedings.*?

Six (of ten) of the copper polycrystalline specimen creep
testsareillustrated in Figure 6. Tests were performed at 550
°C at a 20 and 40 MPa constant true stress. The work by
Barrett et al.l? suggests that the low-stress tests are well
below the regime for DRX, while the high-stress tests are
only dlightly below the regime. Pahutova et al.® suggest
that DRX does not occur below about 750 °C. The tests in
Figure 6 appear to show the typical three stages of creep
for pure metals. None of the tests indicated evidence of
“undulations” which may signify DRX. A steady state was
achieved within a few percentages of strain. These data are
summarized in Figure 1 and are consistent with earlier works
in terms of the power-law stress exponent. The somewhat
lower values of strain rate, compared to other studies, are
not understood, although particular care was exercised in
the present study to maintain constant stress. (The two points
on Figure 1 for this study represent the average steady-state
values of ten tests.)

The gage and grip sections were examined by optical
metallography, and the grains appeared of identical size in
both regions for both the high- and low-stress specimens.
Closer inspection of the higher-stress specimens reveaed
occasional small (e.g., 10 um) grainson boundaries of grains
typically 1000 um in diameter. Thesefeatures did not appear
in the grip section. Thus, some DRX appears to have
occurred in the vicinity of some high-angle boundaries of
the high-stress specimen, although these did not affect the
measured dislocation microstructure (statistically, at theinte-
rior of grains) or mechanical characterization. The behavior
appears to be dominated by dynamic recovery. One addi-
tional possibility is oxidation within the grains (although
not observed by otherd'?), as evidenced by optical
metallography.
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The steady-state dislocation substructure is summarized
in Table I. The data were taken from specimens tested to
steady state and quenched. First, subgrains are formed, as
evidenced by amisorientation usually not evident in a cellu-
lar substructure. An exampleof thissubstructureisillustrated
in Figure 7. The boundaries, however, do not appear to be
of as high a misorientation as, nor as well defined as, sub-
grains in both high- and low-stacking-fault-energy metals
and alloyd? at steady state. Hence, these boundaries in Cu
are referred to as “less-well-defined subgrain boundaries.”
Whether impurities, such as absorbed oxygen, introduced
during these tests lead to this decrease in definition is
unknown.

Five subgrain boundaries in three Cu TEM foils were
traversed using CBED. The foils were extracted from speci-
mens deformed at each of the two stresses to steady state.
Figure 7 isa TEM micrograph that shows the typical micro-
structure from which measurements were extracted. Figures
8(a) and (b) show the lattice-parameter and residual-stress
calculations. It was determined that the lattice parameter
was unchanged within the interior of the subgrain and along
the boundaries, within aone-beam diameter (or 80 nm) of the
subgrain boundary. The measurements were also identical to
those of the annealed, stress-free Cu polycrystals. Thus,
within the accuracy of the lattice-parameter measurements
of CBED, the creep-deformed Cu substructure is stress free.
The (residual) stress error associated with the strain measure-
ments is approximately =30 MPa, again, about equal to the
applied stress.

Of course, it must be considered possible that some, rela-
tively small, residual stresses are present, but too small to
be detected by CBED, or that residual stresses were once
present but relaxed to an undetectable level in both Al and
Cu. Severa earlier investigations referenced, as mentioned
previously, suggest that stresses may be high in the vicinity
of the so-called hard subgrain boundaries. The (presumed)
internal stresses based on asymmetric X-ray peaks were
found to only partially relax on unloading and were detect-
able in (bulk) specimens in the unloaded condition.*!
Hence, if internal stresses are actually being measured by
X-rays, such aswith thereferenced investigations, they could
be detected in unloaded TEM thin foils using CBED, but
they are not. In Al, for instance, the dislocation substructure
does not appear to recover in foils thinned to about 1 wm.[*7]
Thedislocation substructure appearsidentical to those where
the structure is “pinned” by precipitation (e.g., Al 5 at. pct
Zn). Thus, it appears that any recovery of the internal stress
in the thinning process only can occur at thicknesses less
than 1 um. The maximum amount of recovered elastic stress
from the network (interior to the subgrain) by dislocation
gjection from the foil can be estimated to be less than the
applied stress. It is unknown to what degree dislocations are
gjected from the subgrain boundary, although there is no
direct evidence of such dislocation gjection. The dislocation
density, in the region where the CBED measurementsin the
high-stress Cu specimen were performed, was 2.0 X 10°
cm~2, The dislocation density was 0.8 X 10° cm~? where
CBED was performed in thelow-stress specimenfoils. These
are quite similar to the values in the thickest regions, listed
in Table |. Thus, it appears, within the error of the measure-
ments, that recovery of the dislocation substructure does
not occur in those regions where CBED is performed, as
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Tablel. The Steady-State Dislocation Substructure of Creep-Deformed Copper at 550 °C
Steady-State Average Average Dislocation Density Steady-State
Stress Misorientation (Not Associated with Average Subgrain Strain Rate
(MPa) Strain (Deg) Boundaries) (cm™2) Intercept (wm) (¢s, S7Y)
40 0.05 0.23 1.65 X 10° 15 25 x 107
20 0.04 0.09 1.2 x 10° 31 5.6 X 1077
0.3595 Polycrystalline Cu
—_ 3 subgrains and 2 foils
H
§ 03590
E T T T
: HBe 00 B B ot 43 g
é’ 0.3585
5
0.3580

Fig. 7—TEM micrograph illustrating the typical subgrain microstructure
of polycrystalline Cu deformed at 20 MPa and 550 °C to a strain of
approximately 0.04.

compared to those rel atively thick regionswherethe disloca
tion density measurements are performed (0.2 wm) in Cu.
Thus, if highinternal stresses are present in creep-deformed
specimens and are not substantially recovered on unloading,
as suggested by internal-stress proponents, then thin-foil
CBED examination should allow detection of these stresses.
None are observed by CBED.

Figures 8 and 9 plot the subgrain size and dislocation-
density data of Table | and are reasonably consistent with
the expected trends for the network dislocation density vs
the modulus-compensated steady-state stressand the average
subgrain intercept vs modulus-compensated steady-state
stress, in view of the limited data. Compilation of large
quantities of data for other metald® suggests that

AN 1 -
(&)=L 4

(g) — G pp 2]

where C; and C, are constants. These values are indicated
in the figures. The subgrain exponent of the figureis consis-
tent with Eq. [1], but the value of p for Eq. [2] is consistent
with the range of exponents observed in different metals,
considering the scatter of values in the literature and the
limited data of the present study. The value, here, of p is
somewhat higher than the typical value of 0.5.

316—VOLUME 33A, FEBRUARY 2002

0 200 400 600 800 1000 1200 1400 1600 1800 2000

Distance from the boundary (nm)

Stress (MPa)
g o 8

g 8

Applied stress 20 MPa
-200
0 200 400 600 800 1000 1200 1400 1600 1800 2000
Distance from the boundary (nm)
@)
0.3595 Polycrystalline Cu
B 2 subgrains 1foil
£
% 0.3590
°
: t ¢
E E
©
Q.
8 03585
5
0.3580
0 100 200 300 400 500 600 700 800 900 1000
Distance from the boundary (nm)
200
150
100
g T
S iy 1 l
g I I I
&» 50
-100
150 Applied stress 40 MPa
-200

0 100 200 300 400 500 600 700 800 900 1000

Distance from the boundary (nm)

(b)

Fig. 8—The lattice parameter and corresponding stress based on the CBED
performed at | ocations very near subgrain wallsand interior to the subgrains
in polycrystalline Cu deformed to steady state within the five-power-law
creep regime a (a) 20 and (b) 40 MPa to strains of 0.04 and 0.05,
respectively.
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Fig. 10—The steady-state modulus-compensated stress vs the steady-state
density of dislocations (not associated with subgrain boundaries) for Cu.
The strains are 0.04 and 0.05, respectively.

IV. CONCLUSIONS

Al single crystals and Cu polycrystals were deformed to
steady state within the five-power-law regime. It was found
that the microstructure of Cu consists of less-well-defined
subgrain boundaries than Al and other metals within the
five-power-law regime, consistent with many earlier investi-
gations. The CBED measurements were performed in Al
single crystals and Cu polycrystals to measured internal
stresses. Several subgrains were transversed from one sub-
grain boundary to the opposite side in multiple TEM fails.
It was determined that there were no detectable internal
stresses either near the well-defined Al and less-well-defined
Cu subgrain walls or within the subgrain interiors.
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